In this survey, the origin of fatigue crack initiation and damage evolution in different metallic materials is discussed with emphasis on the responsible microstructural mechanisms. After a historical introduction, the stages of cyclic deformation which precede the onset of fatigue damage are reviewed. Different types of cyclic slip irreversibilities in the bulk that eventually lead to the initiation of fatigue cracks are discussed. Examples of trans-and intercrystalline fatigue damage evolution in the low cycle, high cycle and ultrahigh cycle fatigue regimes in mono-and polycrystalline face-centred cubic and body-centred cubic metals and alloys and in different engineering materials are presented, and some microstructural models of fatigue crack initiation and early crack growth are discussed. The basic difficulties in defining the transition from the initiation to the growth of fatigue cracks are emphasized. In ultrahigh cycle fatigue at very low loading amplitudes, the initiation of fatigue cracks generally occupies a major fraction of fatigue life and is hence life controlling.
Historical background, introduction to the topic
The failure of metals subjected to alternating loads by so-called 'fatigue' has been of major concern to engineers and materials scientists for the last 150 years. Such failures became a serious problem in the nineteenth century, as machines with moving rotating or vibrating parts had come into increasing usage. This posed a puzzle to engineers, as the failures occurred unexpectedly at seemingly safe loadings which would not cause static failures. August Wöhler [1] , who worked as an engineer for the Prussian railway system, was the first to perform systematic fatigue studies. His work was motivated by the alarmingly increasing failures of railway axles. Wöhler conducted his experiments under conditions of rotating bending. The most important result of his work was the discovery of a well-defined stress amplitude (now called fatigue limit, see §3) below which failures would not occur. To the best knowledge of the author, Wöhler never presented his data in graphical form but usually only in lengthy tables [1] . Nonetheless, it has since become customary to plot fatigue life data as stress amplitude σ/2 ( σ , stress range) versus number of cycles to failure, N f , and to refer to such plots as Wöhler or S-N diagrams (S, stress; N, number of cycles). Such fatigue life plots have been widely used since. A few years after the studies of Wöhler, Bauschinger developed very sensitive techniques to measure strains as low as some 10 −5 and not only discovered the effect named after him but also performed systematic fatigue tests. He was able to show that, during cyclic loading, very small inelastic, i.e. plastic, microstrains occurred [2] . However, the microscopic reasons that cause fatigue failure remained obscure and were not studied further until, at the beginning of the twentieth century, Ewing and Humfrey observed slip bands in which microcracks had developed on the surface of a fatigued steel [3] . The main conclusion from the work of Bauschinger [2] and Ewing & Humfrey [3] is that fatigue damage results from the accumulation of many very small irreversible plastic cyclic microstrains.
The cyclic deformation and fatigue behaviour of many different metals and alloys have since been studied systematically. Today, a fairly detailed understanding of the microstructural mechanisms leading to fatigue damage exists. These advances have been made possible by the tremendous progress achieved in the instrumentation of fatigue testing, in microscopic analysis of fatigue damage and in computational facilities. Details on these developments can be found in several monographs on metal fatigue [4] [5] [6] [7] and in a number of reviews that appeared in the last few decades [8] [9] [10] [11] [12] [13] [14] [15] .
The present review focuses on the early stages of the evolution and spreading of fatigue damage. In the following, some fundamental characteristics of fatigue will be summarized and discussed in sections devoted to different aspects:
-stress-and strain-controlled fatigue: low cycle, high cycle and ultrahigh cycle fatigue; -the stress and plastic strain fatigue limits; -cyclic slip irreversibility and damage evolution; -the stages of cyclic deformation and evolution of fatigue damage; -microstructural mechanisms of fatigue crack initiation in low cycle and high cycle fatigue; -microstructural mechanisms of fatigue crack initiation in ultrahigh cycle fatigue; and -the transition from the initiation to the propagation of cracks.
2. Stress-and strain-controlled fatigue: low cycle, high cycle and ultrahigh cycle fatigue
For a material with a Young's modulus E, the stress amplitude σ/2 is related to the elastic strain amplitude ε el /2 (half the elastic strain range ε el ) via Hooke's law
The total strain amplitude ε t /2 (half the total strain range ε t ) is the sum of the plastic strain amplitude ε pl /2 (half the plastic strain range ε pl ) and the elastic strain amplitude ε el /2
The earlier fatigue studies were conducted at constant stress amplitude in so-called stress control.
In most cases, the strain was not monitored. Until the middle of the last century, metal fatigue was documented mainly or even exclusively in Wöhler or S-N fatigue life plots. In retrospect, it is surprising that, until the middle of the twentieth century, plastic strain was not considered as a relevant parameter to characterize fatigue life. This situation changed after Coffin [16] and Manson [17] had independently formulated the fatigue life law named after both, in which the plastic strain amplitude ε pl /2 rather than the stress amplitude was the life-controlling parameter
where ε f is the fatigue ductility coefficient and c the fatigue ductility exponent which lies typically between −0.5 and −0.6 [18] . In later years, tests were also performed in strain control, usually at constant total strain amplitude ε t /2 or, more recently, also in plastic strain control at constant plastic strain amplitude ε pl /2. It is clear today that, depending on the magnitude of the loading, both stress amplitude σ/2 and plastic strain amplitude ε pl /2 are important [18] . At high loading amplitudes, in so-called low cycle fatigue (LCF), ε pl /2 > ε el /2. In this regime, the so-called fatigue ductility controls the rather short fatigue life in LCF (up to N f ≈ 10 4 ) via the Coffin-Manson law. At low loading amplitudes, in so-called high cycle fatigue (HCF) with accordingly higher fatigue lives (N f ≈ 10 5 -10 7 ), ε el /2 > ε pl /2, and the fatigue strength (stress amplitude) governs the fatigue life (Basquin law).
In addition, attention is also drawn to so-called ultrahigh cycle fatigue (UHCF, often called very high cycle fatigue: VHCF), referring to unexpected fatigue failures after very high numbers of cycles to failure in excess of N f ≈ 10 8 at seemingly safe low loading amplitudes (below the HCF fatigue limit, see §3). Intense academic research in this rather new field began only after the conference 'Gigacycle Fatigue' in 1998 [19, 20] . Some details of UHCF will be presented and discussed separately in §7.
The stress and plastic strain fatigue limits
The fatigue limit, discovered by Wöhler and subsequently substantiated by Bauschinger, appears in fatigue life plots as a plateau at low loading amplitudes in the range N f ≈ 10 5 -10 7 . It is typical of ferritic steels and is not so well defined for most other materials. For decades, the fatigue limit seemed to be well documented in the HCF range. Only after UHCF had found increasing academic interest has it been questioned whether the HCF fatigue limit extends into the UHCF range [21] , cf. §7.
It is interesting that the non-damaging deformation in the safe regime below the fatigue limit is not entirely elastic, as was shown by Lukáš & Klesnil [22] . This situation is summarized schematically in figure 1 which shows a Wöhler curve with a fatigue limit at the stress level indicated. In addition, typical hysteresis loops are indicated for different stress levels [14] . It is important to note that the loops at all stress levels along the curve are open, implying that microplastic deformation occurs, with a magnitude that decreases with decreasing stress level but does not vanish at the fatigue limit. Only below the fatigue limit does one observe completely elastic behaviour. At the fatigue limit, the plastic strain amplitude is very small but measurable, namely some 10 −5 [22] . It is assumed that, at such very low plastic strain amplitudes, dislocations perform only negligibly small to-and-fro displacements which are almost completely reversible in a microstructural sense and non-damaging. Hence, it is reasonable to speak not only of a stress fatigue limit but also of a plastic strain fatigue limit, as suggested by Lukáš & Klesnil [22] .
In several cases, well-defined fatigue crack initiation thresholds have been determined, cf. §6a. Fatigue damage begins to develop when the cyclic load exceeds the threshold of fatigue crack initiation. However, failure will only occur when the somewhat higher fatigue crack propagation threshold [23] has been exceeded. Hence, the fatigue limit should not be identified with the threshold of crack initiation but with the crack propagation threshold [24, 25] . 
Cyclic slip irreversibility and damage evolution
The physical origin of the initiation of fatigue damage in ductile crystalline materials is intimately related to some kind of slip irreversibility in the bulk, leading to unreversed slip steps at the surface (cf. e.g. [26] [27] [28] [29] [30] [31] ). Slip irreversibilities which occur at the tips of cracks during crack growth are not considered here. To understand the significance of slip irreversibilities, their origin and magnitude and how they contribute to fatigue damage must be explored. Finally, it is of interest whether and how slip irreversibilities relate directly to fatigue life. One possible way to characterize the slip irreversibility quantitatively is to define it as the fraction p of microstructurally irreversible plastic shear strain, referred to the total plastic shear strain [26, [30] [31] [32] . Emergence of dislocations at the surface, cross slip of screw dislocations, mutual annihilation of dislocations, random to-and-fro glide of dislocations (leading to surface roughening), cutting of shearable precipitates and the so-called slip asymmetry in body-centred cubic (BCC) metals (see §6c) are microscopic mechanisms that occur in the material and can give rise to cyclic slip irreversibilities in the sense that forward and reverse glide of dislocations do not occur exactly along identical paths (cf. [26, [30] [31] [32] ). At the surface, unreversed slip steps (or even microcracks) are left behind which can be conveniently studied by scanning electron microscopy (SEM), replicas or, more recently, by atomic force microscopy (AFM) [27, 33] . Cyclic slip irreversibilities in the bulk are more troublesome to study and must be inferred somewhat indirectly from observations by transmission electron microscopy (TEM) or by other methods.
The cyclic slip irreversibility p depends on the loading amplitude, i.e. p = p( ε pl /2), and will be the smaller, the lower the loading amplitude (the higher the fatigue life) and vice versa. In general, 0 ≤ p ≤ 1. In order to obtain reliable values of p, specific and detailed experimental data and some additional information, usually based on a model, are necessary [26, [30] [31] [32] . Hence, p is usually not easily obtained. In a few cases which the author succeeded to analyse, p was found to vary over orders of magnitude, ranging from only some 10 −5 , e.g. in the case of UHCF of copper fatigued for more than 10 10 cycles, to some 10% in persistent slip bands (PSBs) in HCF of facecentred (FCC) metals [30, 31, 34] . Although the slip irreversibility is almost negligible at very low loading amplitudes, the cumulative irreversible shear strain can be very large (in excess of about 10!) and damaging because of the very high numbers of cycles.
It is intriguing to ask whether the cyclic slip irreversibility p provides a key to make fatigue life predictions. When crack growth controls fatigue life, the irreversibility p at the crack tip would have to be considered. to the 'bulk' irreversibilities p discussed above. In cases in which a particular fatigue crack initiation mechanism governs fatigue life, it could be proposed that a unique relationship between irreversibility p and fatigue life N f exists. This hypothesis was tested by starting from the CoffinManson fatigue life law [35] and proceeding as follows. (i) Since only the microstructurally irreversible part of the plastic strain can cause damage, the Coffin-Manson law was rewritten after replacing ε pl by ε pl × p. (ii) Failure was assumed to occur when the cumulative irreversible plastic strain to failure ε
has attained a critical value. Then, one can derive a modified Coffin-Manson fatigue life law which reads
This relationship could be tested in two cases for which suitable experimental data on p were available, namely fatigued α-iron polycrystals and fatigued α-brass single crystals [30] [31] [32] . In BCC α-iron, the slip irreversibility is due to the slip-plane asymmetry at room and lower temperatures (cf. §6c), and leads to intercrystalline cracking. In α-brass single crystals, fatigue cracking occurs in the valleys of the surface profile which develops due to irreversible random slip of dislocations emerging at and entering into the surface [36] . Irrespective of the different microstructural origins of the irreversibilities, satisfactory agreement with equation (4.2) was found in both cases in terms of reasonable values of the fatigue ductility exponent c and the fatigue ductility coefficient ε f . The proportionality constant which contains ε irr pl,cum,f was estimated to lie in a plausible range of approximately 10-30. In view of the crudeness of the model assumptions, these results are considered very satisfactory. The reader is referred to Mughrabi [31, 32] for further details.
The stages of cyclic deformation and evolution of fatigue damage
Fatigue failure is not a sudden event that occurs unexpectedly. Rather, it is the final event that has been preceded by a sequence of cyclic deformation and fatigue processes. In the case of ductile FCC metals, four stages of cyclic deformation and fatigue can be discerned, illustrated schematically in figure 2, involving cyclic hardening/softening, cyclic saturation, the evolution of fatigue damage caused by cyclic slip irreversibilities, initiation and subsequent growth of cracks up to failure. Details of this behaviour are found in several reviews [9] [10] [11] 14, 15] . In strong engineering materials that do not deform appreciably during cyclic loading and which may contain defects that act as pre-existing cracks, stages I and II can be largely absent. Then, fatigue life will be governed by crack propagation. Ductile materials, on the other hand, as shown, for example, by Morrow [18] and Feltner & Laird [37] , undergo an initial stage of cyclic hardening or softening, depending on whether the material is annealed or has been pre-deformed, respectively. A saturation stage with constant stress and strain amplitudes is often approached in both cases, reflecting a balance between hardening and dynamic recovery events. At that stage, cyclic strain localization frequently sets in, leading to transcrystalline cracking at the surface (cf. [8] [9] [10] [11] [12] [13] [14] [15] ). In addition, intercrystalline fatigue damage can occur at grain boundaries. In heterogeneous materials containing inclusions or pores, these defects can be sites of surface or subsurface fatigue damage. The latter can become life-controlling in the UHCF regime. Examples of these different kinds of fatigue damage will be described in more detail in § §6 and 7.
Microstructural mechanisms of fatigue crack initiation in low and high cycle fatigues
The sequence of cyclic deformation events sketched in figure 2 is typical of ductile metals and alloys. In cyclic saturation, a characteristic dislocation structure has developed in the bulk, and a pattern of slip traces or some sort of PSBs of highly localized slip is recognizable at the surface. Cyclic strain localization and subsequent fatigue crack initiation in PSBs, cf. §6a, are probably the best-studied case of fatigue damage. Still, this is not the most frequently found type of fatigue damage in commercial materials [38] in which persistent slip is largely suppressed by suitable alloying strategies. Examples of fatigue crack initiation in different model and commercial materials will be presented in § §6a to 6c. Unless stated otherwise, all data presented refer to fatigue at room temperature in air and without mean stresses. Enhanced degradation by environmental effects is not considered explicitly.
(a) PSBs in single-phase FCC metals, transgranular stage I crack initiation and PSB-induced crack initiation at grain boundaries
Since the pioneering work of Thompson et al. [39] , cyclic strain localization and fatigue crack initiation in PSBs in FCC metals have received much attention. Figure 3 shows micrographs of PSBs at the surface (figure 3a) and in the bulk (figure 3b), respectively. In single-phase FCC metals, the PSBs are lamellae with a thickness of approximately 1 µm. They lie parallel to the active (primary) glide plane {111} and extend into the bulk. In the TEM micrograph (figure 3b), their characteristic dislocation pattern, namely the so-called edge wall or ladder structure is easily recognizable. The PSB lamellae are embedded in the so-called matrix (M) of the (edge) dipolar 'vein' dislocation microstructure that is built up originally during cyclic hardening and later breaks down locally to make room for the slightly softer PSBs in which the cyclic strain is subsequently localized. Typically, the local plastic shear strain amplitude in the PSBs is about 1%, compared with the much lower value of about 10 −4 in the matrix [40, 41] . This behaviour is representative of FCC materials like copper or nickel and is studied best on single crystals [8] [9] [10] [11] [12] [13] [14] [15] [42] [43] [44] . PSBs develop only if well-defined thresholds of the plastic strain and the stress amplitude are exceeded. For example, in copper single crystals which deform in single slip, the PSB thresholds are defined by critical values of the shear stress amplitude of τ PSB /2 ≈ 28 MPa and the shear strain amplitude γ pl,PSB /2 ≈ 6 × 10 −5 , respectively [26, 40, 41] . Similar thresholds apply also to polycrystals. After conversion by a Schmid factor of 0.5 for the most highly stressed slip system, the following PSB thresholds are obtained: an axial stress amplitude of σ PSB /2 ≈ 56 MPa and an axial plastic strain amplitude of ε pl,PSB /2 ≈ 2. [30] .)
The onset of fatigue damage caused by PSBs occurs mainly in the form of complex extrusions that develop in the direction of the active (primary) Burgers vector at surface sites, where the PSBs emerge. This is seen most clearly in single crystals, where the extrusion effect is much larger than in polycrystals. Examples of SEM micrographs of the PSB surface profiles with extrusions in copper single crystals are shown in figure 4 , after fatigue at 77 K (figure 4a) and 403 K (figure 4b). When viewed from the side in the direction of the slip direction so as to 'look into' the PSBmatrix interface, the extrusions and fatigue cracks which have developed in the PSBs can be seen (figure 5). Fatigue cracks initiate in the form of stage I shear cracks mainly at the PSB-matrix interfaces. The work on PSBs has fascinated many researchers and has led to a significantly improved understanding of the governing dislocation mechanisms of cyclic strain localization in FCC mono-and polycrystals (e.g. [10] [11] [12] [13] [14] [15] [40] [41] [42] ). More details are found in a recent review of the literature by Antolovich & Armstrong [45] .
The analysis of the TEM observations revealed that the earlier dislocation models of the evolution of the PSB surface profile in terms of 'pairs' of extrusions and intrusions, compare the detailed review of Laird & Duquette [8] , were not realistic. Based on the actually observed dislocation distributions, Essmann et al. [46] developed a semi-quantitative dislocation model (called EGM model subsequently) of the evolution of the surface relief of PSBs at the sites of emerging PSBs. The model is based on an analysis of the steady-state equilibrium of the defect content in cyclic saturation, taking into account the production and annihilation of dislocations which prevail essentially in dipolar form and point defects. For details, the reader is referred to [14, 30, 46, 47] . The underlying assumptions are so general that the predictions, perhaps with slight modifications, will also apply to other materials in which PSBs do not necessarily have the ladder structure. In related work, Brown had developed a model of the dislocation processes in PSBs, paying special attention to the predominance of vacancy-type dipoles [42] . He also was able to show analytically that there is a stress singularity at the surface site where a PSB emerges, which favours crack initiation [48] . In its latest version, Brown's model of extrusion formation is very similar to the EGM model [13] . Figure 6 shows in a strongly simplified view the subsequent stages of the dislocation pattern in a PSB, as envisaged in the EGM model for 'low' temperatures at which point defects are immobile. In this representation, the dislocation dipoles which prevail in a high density in the dislocation veins and walls are omitted. Then, the dislocation pattern in cyclic saturation in PSBs is reduced essentially to pairs of so-called PSB-matrix interface dislocation layers of opposite sign, which represent 'super interstitial dipoles', as shown in figure 6a. During subsequent cyclic deformation, these interface dislocations glide out step by step on either side, leaving slip steps behind which constitute extrusions, as shown in figure 6b. The EGM model predicts the initial rapid growth of these so-called static extrusions of height e. The extruded volume matches precisely the volume of vacancy-type defects that accumulate in cyclic saturation. The local vacancy defect concentration C sat v in the dislocation walls (volume fraction f w ≈ 0.1) of the ladder structure results from a balance between the annihilation of very close (vacancy) edge dipoles and formation of edge dipoles. C sat v is estimated as 6 × 10 −3 . Slipping out of so-called PSB-matrix interface dislocations leads to a one-dimensional elongation of the PSB lamella in the direction of the Burgers vector b, creating one static extrusion of height e on each side of the crystal . Schematic illustration of the sequence of events leading to the formation of extrusions according to the EGM model [46] . After [14] .
where D is the specimen diameter measured in the direction of the Burgers vector. In the case of a polycrystal, D would represent the grain size, and the predicted height of an extrusion in a surface grain would be twice as large as according to equation (6.1), because only one extrusion would form. Nonetheless, extrusions in polycrystals should be much smaller than in single crystals because the grain size is much smaller than the specimen diameter. The described purely mechanical material extrusion process can operate in particular at low temperatures, as had been observed (cf. [14, 15, 30, 47] ). Continued cyclic deformation will lead to a gradual surface roughening of extruded PSB material, see figure 6c, which can be estimated semi-quantitatively [14, 26, 30] and which should be similar in polycrystals and in single crystals. In addition, EGM argued that at higher temperatures at which point defects (vacancies) become mobile, the escape of vacancies to the matrix must be considered. Then, the loss of vacancies in the PSB would be continuously replaced and would lead to continuously growing extrusions in thin layers next to the PSB-matrix interface. In the case of continuously growing extrusions, there is some disagreement with work by Polák [49] who attempted to extend the EGM model with somewhat different assumptions concerning the migration of point defects from the PSB to the surrounding matrix. The Polák model predicts, in addition to continuously growing extrusions in the centre of the PSB, intrusions at both PSBmatrix interfaces. The EGM model essentially predicts only extrusions and no intrusions and regards intrusion-like deepenings as microcracks which arise as a consequence of the extrusions that develop first. In detailed studies, mainly on fatigued polycrystalline stainless steel (which may not be comparable to copper!) by AFM, Man et al. [33] have found some indications of intrusions which are very narrow and small compared with the extrusions. The observations deviate in some details from the predictions of Polák's model, as summarized recently [50] . The experimental evidence confirms essentially that the formation of extrusions is the dominant effect and suggests that 'intrusions' are in fact embryonic stage I shear cracks that form as a consequence of the previously formed extrusions. As an example of more recent modelling of cyclic strain localization and fatigue crack initiation in PSBs, reference is made to the work of Sangid [51] .
In addition to stage I shear cracks, also intercrystalline cracks are induced at grain boundary (GB) sites, where PSBs impinge. Initially, this was surprising, since intercrystalline cracking was known to occur at higher amplitudes [52] but had not been noted at lower amplitudes. The PSB-GB cracks occur at low to intermediate loading amplitudes in the regime of PSB [53] and the author's research group [26] . Figure 7 shows an example, as observed on a fatigued copper polycrystal by SEM (figure 7a). In a schematic model (figure 7b), the PSB-matrix interfacial dislocations are considered as pile-ups acting against the grain boundaries [26] . A plausible semi-quantitative estimate shows that, in copper at room temperature, the normal stresses exerted by the pile-up at the GB can cause brittle-type decohesion (assisted by environment) at sites A and A [26] . In the regime of PSB-GB cracking, the crack surfaces exhibit a mixture of trans-and intercrystalline cracking.
(b) Localized cyclic slip and stage I crack initiation in alloys
As a representative of a solid solution hardened FCC alloy, fatigued α-brass (Cu-30 wt% Zn) mono-and polycrystals have been studied in detail by the Brno group [36] . Their studies showed that, in this material, slip is very planar but not localized in typical PSBs. The emergence/re-entry of dislocations by cyclic slip seems to be almost random and leads to a roughened surface in which stage I shear cracks can easily initiate. Very severe PSBs develop in underaged or peak-aged alloys, such as Cu-Al [54] , Cu-Co, Al-Zn-Mg [55] . In the latter two cases, respective PSB thresholds have been identified, as summarized in [26, 56] . As the PSBs develop, pronounced cyclic softening is observed which is related to the progressing cutting and degradation of the precipitate structure. Compared with PSBs in single-phase FCC metals, PSBs in such age-hardened alloys are much thinner (approx. 0.1 µm), and the cyclic strain localization is much more severe, with local plastic shear strain amplitudes of up to 50% [54] . There has been some discussion whether the local softening in PSBs is caused by the disordering of ordered precipitates [11, 54] . However, in the case of fatigued Cu-2 at.% Co single crystals containing pure Co precipitates [55] , it was shown that the precipitates are completely destroyed in the PSBs by repeated cutting, and the softening in the PSBs is caused by the reversion of the Co atoms into solid solution [56] . A somewhat different situation obtains in fatigued γ -hardened superalloys which deform by planar slip, characterized by the repeated cutting of the ordered γ -precipitates. The example shown in figure 8 refers to Waspaloy which contained a bimodal γ size distribution and had been fatigued to failure at 650 • C [57] . The slip offsets at the precipitates reflect the irreversible cutting by the repeated toand-fro glide of dislocations. The analysis of the unreversed shear strain yields an intermediate slip irreversibility, namely p ≈ 0.05 [56] . Figure 8 . TEM micrograph of cut γ precipitates in superalloy Waspaloy, fatigued at 650
µm
• C. The clearly visible slip offsets are indicated. After Clavel & Pineau [57] . (After [56] .) (c) Other modes of fatigue crack initiation in some metals and alloys
In recent years, there has been an increasing interest in the fatigue of ultrafine-grained (UFG) materials which are produced mainly by so-called equal channel angular pressing [58] . These materials have grain sizes of the order of a few hundred nanometres and exhibit extraordinarily high monotonic strength. When viewed in a Wöhler-type S-N plot, the fatigue strength of such UFG materials is usually higher than for materials of conventional grain size (some 10 µm). However, since the high strength of UFG materials is paired with a lower ductility, they usually exhibit a reduced fatigue strength, when displayed in a Coffin-Manson plot which reflects fatigue ductility more than fatigue strength, cf. §3. Fatigue damage in these materials frequently occurs in the form of cyclic softening due to the local coarsening of the UFG microstructure, and cracks initiate in some type of macroscopic shear bands that traverse many hundreds of the very fine grains.
In the case of BCC metals, attention must be drawn to some fundamental differences of the dislocation behaviour, compared with FCC metals [14, 30, 41] . The yield stress of BCC metals is strongly temperature dependent. At low temperatures, the screw dislocations lie in the deep Peierls valleys in 111 directions and are not very mobile and glide on slightly different glide planes during forward and reverse straining in tension and in compression (so-called slip-plane asymmetry). Above the so-called 'knee' temperature T 0 , with the help of thermal activation, the screw dislocations become more mobile, and the behaviour approaches that of FCC metals. In the case of α-iron, T 0 lies slightly above or below room temperature, depending on whether the strain rate is higher or lower than approximately 10 −3 s −1 , respectively. This behaviour is reflected in the fatigue of polycrystalline α-iron at room temperature, as illustrated by surface SEM observations in figure 9 . Intercrystalline cracks develop at a 'high' cyclic strain rate of 4.5 × 10 −3 s −1 ( figure 9a,b) , whereas transcrystalline cracks form at a much lower cyclic strain rate (4.5 × 10 −5 s −1 ), as shown in figure 9c. In the former case, 'low' temperature behaviour prevails, and a rumpled surface develops (figure 9a), related to changes in the grain shape which occur due to the slip-plane asymmetry, and incompatible shape changes of neighbouring grains cause intercrystalline crack initiation. At the lower cyclic strain rate (figure 9c), the shape changes are much weaker, and cracks initiate transgranularly, as in FCC metals, in slip bands which differ from the classical PSBs discussed previously.
In weakly carburized α-iron (30 wt ppm carbon) or Fe-3% Si, the alloyed atoms hinder preferentially the glide of the initially more mobile edge dislocations and thus render the mobilities of edge and screw dislocations more similar (as in FCC metals). Hence, the cyclic deformation and fatigue behaviour of such lowly alloyed α-iron is more similar to that of FCC materials, with dipolar edge dislocations in dense veins and with strain localization in PSB-like bands, albeit with a cell structure instead of the ladder structure [41] . To complete this section, two different examples of fatigue crack initiation at pores will be discussed briefly. In the widely used cast magnesium alloy AZ 91 which contains some casting porosity, many fatigue cracks initiate at contraction cavities at or just beneath the surface [59] . This finding agrees qualitatively with a finite-element analysis of the stress and strain fields around spherical cavities lying at different distances from the free surface, as shown in figure 10 [60] . The highest local strains are found in the near-surface region next to the cavity, suggesting that damage would occur preferentially in this region (figure 10a). The most dangerous sites were found for cavities just beneath the surface rather than for cavities at the surface (figure 10b). In the case of the alloy AZ 91, the fatal crack forms by the coalescence of the initially formed microcracks with increasing numbers of cycles. On the other hand, in high-temperature fatigue of Ni-based superalloys, pores at the surface oxidize and fatigue cracks initiate in the brittle oxides at the pores and then spread into the bulk [61] . 
Microstructural mechanisms of fatigue crack initiation in the ultrahigh cycle fatigue regime
For decades, unexpected fatigue failures have been encountered under seemingly 'safe' loading conditions, based on the notion of a 'fatigue limit', in pumps, bearings, axles, etc. after very long cyclic loadings in the UHCF range with fatigue lives up to 10 10 cycles to failure. The academic interest in this important area of metal fatigue remained dormant until Claude Bathias and Stefanie Stanzl-Tschegg organized the conference 'Gigacycle Fatigue' (later called VHCF-1) in Paris in 1998 [19, 20] . With the following conference on very high cycle fatigue (called VHCF-2), in Vienna in 2002, the conference series VHCF was established. Here, some of the specific features of UHCF 1 will be presented and discussed.
(a) The distinction between ultrahigh cycle fatigue of type I and type II materials
Initially, one of the main topics concerned the subsurface fatigue failure of high-strength materials by so-called 'fish-eye' fracture at non-metallic inclusions in the UHCF range. Already at VHCF-1, Bathias and co-workers [62] provided experimental evidence that fatigue crack initiation was life-controlling in the case of high-strength materials which failed by subsurface cracking originating from inclusions in the UHCF range. Also at VHCF-1, the author considered the lifecontrolling microstructural fatigue mechanisms in homogeneous ductile metals and alloys in the UHCF regime [35] and concluded: '. . . the initiation and slow growth of stage I fatigue cracks, including the preceding processes of bulk cyclic deformation and cyclic strain localization, will be life-controlling.' The author proposed to distinguish different materials in UHCF by classifying ductile defect-free single-phase materials, e.g. FCC metals and alloys, as type I materials, and high-strength materials like steels which contain (brittle) inclusions as type II materials [63] . In both cases, it was maintained that fatigue crack initiation would occupy a major portion of UHCF life (see §8 for details).
(b) Fatigue damage of type I materials in the ultrahigh cycle fatigue regime
Cyclic slip is almost never completely reversible. Hence, it was proposed that, even below the traditional HCF PSB threshold, some surface roughening will develop slowly after very high numbers of cycles like 10 9 . Then, the stress concentrations in the valleys of the roughness profile could trigger some form of persistent slip [35, 64] which could ultimately lead to stage I fatigue crack initiation. A schematic fatigue life diagram, shown in figure 11 , was proposed, with the traditional PSB threshold in range III. This diagram is really a fatigue crack initiation diagram [65] , because the PSB threshold lies below the fatigue limit [24, 25] . Some of the model predictions could be verified in experimental work performed in collaboration with Stefi Stanzl-Tschegg on ultrasonically fatigued copper polycrystals. In particular, the slow evolution of slip bands with a rough surface profile that became intenser with increasing numbers of cycles could be clearly documented at loading amplitudes well below the traditional HCF PSB threshold [34, 66] . On a copper polycrystal fatigued to N = 1.59 × 10 10 cycles [34] , PSB-like cyclic slip localization with stage I crack initiation at the surface was observed ( figure 12 ). The question remained open whether the stage I cracks were non-propagating or would later have led to failure. SEM electron channelling contrast of metallographic sections revealed localized slip in lamellae at about 45 • to the stress axis (figure 12b), and focused ion beam (FIB) sections perpendicular to surface 'PSB' slip traces showed a roughness profile (figure 12a) which was evaluated as detailed elsewhere [26, 35, 64] , yielding a very small remnant cyclic slip irreversibility p ≈ 0.000036 [34] . This value is indeed very small, as expected. Nonetheless, because of the very high number of cycles, this small irreversibility leads to a rather high cumulative irreversible shear strain γ irr pl,cum ≈ 31, paired with a fatigue damage, comparable to that found after a much smaller number of cycles at a higher loading amplitude at the traditional HCF PSB threshold. These facts confirm the notion of an effective lowering of the cyclic strain localization threshold in UHCF. For further details, the original publication should be consulted [34] .
(c) Fatigue damage of type II materials in the ultrahigh cycle fatigue regime
Failure by subsurface 'fish-eye' cracking at inclusions is typical of type II materials in the UHCF range. In the schematic multistage fatigue life diagram in figure 13 which is based on results of different researchers [19, 20, [67] [68] [69] , the LCF, HCF and UHCF ranges of type II materials are displayed. In addition to the conventional HCF fatigue limit, there is a second fatigue limit at substantially lower loading amplitudes in the UHCF range. Figure 14 . SEM micrograph of a fish-eye fracture in steel, fatigued in UHCF range. After [70] . Courtesy C. Bathias.
from HCF to UHCF, the fatigue crack initiation mode changes from surface to subsurface 'fisheye' cracking originating from interior non-metallic inclusions of about 10 µm in diameter. Figure 14 from the work of Bathias et al. [70] shows SEM micrographs of a typical 'fish-eye' failure. The occurrence of subsurface fish-eye fracture is understandable as follows. At very low amplitudes, almost no fatigue damage develops at the surface. On the other hand, in a material containing sizeable defects such as (brittle) inclusions or pores, cracks can initiate at such defects at the surface or in the interior. When there are no inclusions at the surface, internally initiated cracks can grow very slowly outwards until failure occurs. Commonly, cracking can occur in the inclusion, at the interface or by impingement of cyclic slip bands, as considered in the model of Tanaka & Mura [71] . Subsurface crack initiation is more probable when the inclusions are large and when the volume density of the inclusions lies below a critical value n i,crit that depends on the dimensions of the specimen (gauge length l, diameter d, volume V, surface area A) and on the diameter d i of the inclusions [63] For volume densities n i < n i,crit , it is improbable that there is an inclusion within an outer surface layer of thickness d i . Then, fatigue crack initiation at the surface is improbable, and subsurface cracking becomes more likely. As an example, it was estimated that, for typical specimen dimensions, n i,crit ≈ 3.2 × 10 8 inclusions m −3 , corresponding to a critical volume fraction of less than 10 −6 . This example refers to a very pure specimen that would contain only about 250 inclusions in the whole volume [63] .
The transition from the initiation to the propagation of cracks
Frequently, fatigue life N f is divided into only two stages, namely the number of cycles for fatigue crack initiation, N i , and for fatigue crack growth or propagation, N p , respectively
This division is often difficult to quantify reliably. Broadly speaking, at high loading amplitudes, cracks will develop early, and the larger part of fatigue life will be entirely due to crack growth. The situation becomes more complex, the lower the loading amplitude. The problem lies in the fundamental difficulty to define the crack initiation stage. While the rate of crack growth can be measured accurately down to almost one atomic spacing per cycle, as has been done for many different materials and loading histories [72] , the reliable definition of the transition from crack initiation to crack growth has always been difficult. The problem lies not only in the limitation of the resolution of the observation but also in the definition of the crack length that terminates initiation. In this sense, the following was proposed [64] : 'One possibility is to define the initiation process to include in it all stages of the cracking process until the crack has become large enough to describe its propagation by fracture mechanics. Then, the initiation period would also include early slow crack growth'. In a similar vein, Lukáš referred to 'the transition from the system of microcracks governed by cyclic plastic strain to crack propagation governed by fracture mechanics' [73] . These definitions may seem arbitrary. Nonetheless, it is important to state clearly what is meant when speaking of initiation and propagation! Regarding the relative importance of the fractions of fatigue life spent during fatigue crack initiation and propagation, different conflicting opinions exist, as reflected, for example, in some early work on steel of Klesnil [74] and later work by the late colleague Keith Miller [25] and co-workers [75] . Klesnil studied the fatigue behaviour of the Czechoslovak low-carbon steeľ CSN 12 010 by comparing its Wöhler curve with the so-called French curve ( figure 15 ). The latter is obtained in a two-stage procedure, proposed in 1933 for materials whose Wöhler curve was known and that were initially defect-free [76] . The number of cycles separating the French curve from the Wöhler (S-N) curve at a particular stress level corresponds to a period of crack propagation from a microcrack of a certain critical length that was initiated during the first cyclic loadings. This length is roughly equal to the critical size of non-propagating cracks, as derived from the Kitagawa-Takahashi diagram [73] . The lengths of these initially formed microcracks differ and lie in the present case in the range of a few micrometres at stress levels below the French curve and about 100 µm at higher stress levels. The period of crack propagation decreases continuously with decreasing stress level until only a small fraction remains at the HCF level of the fatigue limit. In that picture, fatigue crack initiation can occupy a major fraction of fatigue life in HCF, as noted previously by other authors [77] [78] [79] and in some standard text books [5, 7] .
In quite a different linear elastic fracture mechanics study on a fatigued steel, Ibrahim and Miller also conclude that the fraction of fatigue life spent in fatigue crack initiation increases strongly as N f becomes larger, dominating fatigue life in the HCF regime [75] . They also concluded that the crack initiation size varies as a function of fatigue life. Nonetheless, a few years later, Miller as the senior co-author emphasized that fatigue crack initiation is rather insignificant, since in all materials defects are present from the start, and cracks will propagate from the beginning [25] . This view is probably often correct in the case of many engineering materials, but hardly tenable for single-phase ductile materials. However, also in the case of commercial engineering materials, the importance of fatigue crack initiation has been discussed controversially. Thus, for example, in recent work in the UHCF area, with N f ≈ 10 10 , the important role of fatigue crack initiation has become evident, cf. §7. At the conference VHCF-1, the opinion was clearly voiced that both in type I [35] and in type II materials [62] a larger fraction of fatigue life is spent in initiation than in propagation. In a detailed analysis of subsurface fracture at inclusions, emphasizing in particular the effect of hydrogen (in steels) in the so-called ODA (optically dark area), Murakami et al. conclude that 'an ultralong fatigue life is mostly consumed in crack initiation and growth within the ODA' [67] . Bathias and co-workers [62, 80, 81] provided experimental evidence, supported by a fracture mechanics analysis of the fraction of fatigue life spent in propagation, that both surface and subsurface fatigue crack initiation at inclusions were life-controlling in UHCF of high-strength materials.
Concluding remarks
An attempt has been made to illustrate with the help of examples the different types of damage that occur in LCF, HCF and UHCF of metals, alloys and some engineering materials and to discuss the underlying microstructural mechanisms in terms of existing models. The transition from the initiation of cracks to their growth was elaborated, taking into consideration the difficulties in defining precisely the borderline. Despite the detailed knowledge on fatigue mechanisms that has developed over the years, continued research is necessary to tackle remaining open questions and new ones as they arise.
